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We report a first-principles study of defect thermodynamics and transport in spinel-type lithium
manganese oxide LiMn2O4, an important lithium-ion battery electrode material, using density-
functional theory and the Heyd-Scuseria-Ernzerhof screened hybrid functional. We find that intrinsic
point defects in LiMn2O4 have low formation energies and hence can occur with high concentrations.
The electronic conduction proceeds via hopping of small polarons and the ionic conduction occurs via
lithium vacancy and/or interstitialcy migration mechanisms. The total conductivity is dominated
by the electronic contribution. LiMn2O4 is found to be prone to lithium over-stoichiometry, i.e.,
lithium excess at the manganese sites, and Mn3+/Mn4+ disorder. Other defects such as manganese
antisites and vacancies and lithium interstitials may also occur in LiMn2O4 samples. In light of our
results, we discuss possible implications of the defects on the electrochemical properties and provide
explanations for the experimental observations and guidelines for defect-controlled synthesis and
defect characterization.
I. INTRODUCTION
Spinel-type LiMn2O4, a mixed-valent compound con-
taining both Mn3+ and Mn4+ ions, has been considered
as an alternative to layered LiCoO2 for lithium-ion bat-
tery electrodes as manganese is inexpensive and envi-
ronmentally benign compared to cobalt in the layered
oxide.1,2 The material crystallizes in the cubic crystal
structure of space group Fd3m at room temperature
but transforms into an orthorhombic or tetragonal struc-
ture at lower temperatures. In the cubic phase, the
Li+ ions stay at the tetrahedral 8a sites of the cubic
close-packed oxygen array, whereas the Mn3+ and Mn4+
ions randomly occupy the octahedral 16d sites. In the
orthorhombic or tetragonal phase, the Mn3+/Mn4+ ar-
rangement is believed to be charge-ordered.3–9 However,
truly stoichiometric LiMn2O4 is hard to obtain in exper-
iments and intrinsic electronic and ionic defects appear
to occur at multiple lattice sites.9–15 In fact, LiMn2O4
samples are often made lithium over-stoichiometric (i.e.,
Li-excess), intentionally or unintentionally.13–22 The to-
tal bulk conductivity of LiMn2O4 has also been re-
ported and thought to be predominantly from hopping
of polarons.22–24 A deeper understanding of these prop-
erties and observations clearly requires a detailed under-
standing of the defect thermodynamics and transport.
Such an understanding is currently lacking.
Computational studies of LiMn2O4 have focused
mainly on the bulk properties and lithium and small
polaron migration,25–30 except for some studies of de-
fect energetics by Ammundsen et al.30 using interatomic
potential simulations and Koyama et al.31 using density-
functional theory (DFT) within the local density approx-
imation (LDA).32 First-principles calculations based on
DFT have been proven to be a powerful tool for ad-
dressing electronic and atomistic processes in solids. A
comprehensive and systematic DFT study of intrinsic
point defects in a battery electrode material, for exam-
ple, can provide a detailed picture of the defect formation
and migration and invaluable insights into the electro-
chemical performance.33,34 For LiMn2O4, such a study is
quite challenging, partly because standard DFT calcula-
tions using LDA or the generalized-gradient approxima-
tion (GGA)35 fail to produce the correct physics of even
the host compound. LDA/GGA calculations carried out
by Mishra and Ceder,36 e.g., showed that LiMn2O4 is a
metal with a Mn oxidation state of +3.5, which is in con-
trast to what is known about LiMn2O4 as a material with
a finite band gap and mixed Mn3+ and Mn4+ ions. The
GGA+U method,37,38 an extension of GGA, can give a
reasonable electronic structure. However, since one of-
ten has to assume that the transition metal has the same
Hubbard U value in different chemical environments, the
transferability of GGA+U results across the compounds
is low, making defect calculations become inaccurate.
In this article, we present for the first time a compre-
hensive study of electronic and ionic defects in LiMn2O4
using a hybrid Hartree-Fock/DFT method. In particu-
lar, we used the Heyd-Scuseria-Ernzerhof (HSE06)39,40
screened hybrid functional where all orbitals are treated
on the same footing. The atomic and electronic structure
and phase stability of the host compound and the struc-
ture and energetics of all possible intrinsic point defects
were investigated; the migration of selected defects was
also explored. We find that defects in LiMn2O4 have low
calculated formation energies and hence can occur with
high concentrations, and lithium antisites are the dom-
inant ionic defect. On the basis of our results, we dis-
cuss the Mn3+/Mn4+ disorder, electronic and ionic con-
duction, delithiation and lithiation mechanisms, lithium
over-stoichiometry, and possible implications on the elec-
trochemical properties. Ultimately, our work provides ex-
planations for the experimental observations, guidelines
for defect characterization and defect-controlled synthe-
sis, and insights for rational design of LiMn2O4-based
electrode materials with improved electrochemical per-
formance.
2II. METHODOLOGY
A. Computational details
Our calculations were based on DFT, using the HSE06
hybrid functional,39,40 the projector augmented wave
method,41,42 and a plane-wave basis set, as implemented
in the Vienna Ab Initio Simulation Package (VASP).43–45
Point defects were treated within the supercell approach,
in which a defect is included in a finite volume of the
host material and this structure is periodically repeated.
For bulk and defect calculations, we mainly used super-
cells of LiMn2O4 containing 56 atoms/cell; integrations
over the Brillouin zone were carried out using a 2×2×2
Monkhorst-Pack k-point mesh.46 A denser, Γ-centered
4×4×4 k-point mesh was used in calculations to produce
the electronic density of states. The plane-wave basis-
set cutoff was set to 500 eV. Convergence with respect
to self-consistent iterations was assumed when the total
energy difference between cycles was less than 10−4 eV
and the residual forces were less than 0.01 eV/A˚. In the
defect calculations, which were performed with spin po-
larization and the ferromagnetic spin configuration, the
lattice parameters were fixed to the calculated bulk val-
ues but all the internal coordinates were fully relaxed.
B. Defect formation energies
The key quantities that determine the properties of a
defect are the migration barrier and formation energy.
In our calculations, the former is calculated by using
climbing-image nudged elastic-band (NEB) method;47
the latter is computed using the total energies from DFT
calculations. Following the approach described in Ref.34
and references therein, the formation energy of a defect
X in charge state q is defined as
Ef (Xq) = Etot(X
q)−Etot(bulk)−
∑
i
niµi+q(Ev+µe)+∆
q,
(1)
where Etot(X
q) and Etot(bulk) are, respectively, the to-
tal energies of a supercell containing the defect X and of
a supercell of the perfect bulk material; µi is the atomic
chemical potential of species i (and is referenced to bulk
metals or O2 molecules at 0 K), and ni indicates the num-
ber of atoms of species i that have been added (ni>0) or
removed (ni<0) to form the defect. µe is the electronic
chemical potential, referenced to the valence-band maxi-
mum in the bulk (Ev). ∆
q is the correction term to align
the electrostatic potentials of the bulk and defect super-
cells and to account for finite-cell-size effects on the total
energies of charged defects.48 To correct for the finite-size
effects, we adopted the approach of Freysoldt et al.,49,50
in which ∆q was determined using a calculated static
dielectric constant of 11.02 for LiMn2O4. The dielectric
constant was computed following the procedure described
in Ref.34 according to which the electronic contribution
(4.78) was obtained in HSE06 calculations whereas the
ionic contribution (6.24) was obtained in GGA+U with
U=4.84 eV for Mn, taken as an average value of Mn3+
(4.64 eV) and Mn4+ (5.04 eV).51
In eqn (1), the atomic chemical potentials µi can be
employed to describe experimental conditions and are
subject to various thermodynamic constraints.34,48 The
stability of LiMn2O4, for example, requires
µLi + 2µMn + 4µO = ∆H
f (LiMn2O4), (2)
where ∆Hf is the formation enthalpy. There are other
constraints imposed by competing Li−Mn−O phases. By
taking into account all these thermodynamic constraints,
one can determine the range of Li, Mn, and O chemical
potential values in which the host compound LiMn2O4
is thermodynamically stable. The oxygen chemical po-
tential, µO, can also be related to the temperatures and
pressures through standard thermodynamic expressions
for O2 gas.
33 Finally, the electronic chemical potential µe,
i.e., the Fermi level, is not a free parameter but subject to
the charge neutrality condition that involves all possible
intrinsic defects and any impurities in the material.34,48
The concentration of a defect at temperature T is re-
lated to its formation energy through the expression48
c = NsitesNconfigexp
(
−Ef
kBT
)
, (3)
where Nsites is the number of high-symmetry sites in the
lattice per unit volume on which the defect can be in-
corporated, Nconfig is the number of equivalent config-
urations (per site), and kB is the Boltzmann constant.
Strictly speaking, this expression is only valid in thermo-
dynamic equilibrium. Materials synthesis, on the other
hand, may not be an equilibrium process. However, even
in that case the use of the equilibrium expression can still
be justified if the synthesis conditions are close enough
to equilibrium. Besides, as discussed in Ref.48, the use
of eqn (3) does not require that all aspects of the pro-
cess have to be in equilibrium. What is important is
that the relevant defects are mobile enough to allow for
equilibration at the temperatures of interest. It emerges
from eqn (3) that defects with low formation energies will
easily form and occur in high concentrations.
III. RESULTS
A. Bulk properties
We began with a cubic supercell of LiMn2O4 (space
group Fd3m, experimental lattice parameter a = 8.24
A˚),52 consisting of 8 Li atoms at the 8a sites, 16 Mn
atoms at the 16d sites, and 32 O atoms at the 32e sites;
the interstitial 16c sites are left empty. After structural
optimization, this cubic cell transforms into a tetrago-
nally distorted cell with a = c = 8.34 A˚ and b = 8.11 A˚;
see Fig. 1. The ordering of Mn3+/Mn4+ is visible in the
3FIG. 1. Supercell model for spinel-type LiMn2O4 after struc-
tural optimization. Large gray spheres are Li, medium blue
(yellow) spheres are Mn3+ (Mn4+), and small red spheres are
O.
relaxed structure. If viewed along the [101] direction, the
atomic arrangement follows an A−B−C−... pattern with
layer A consisting of Mn3+ chains, B of Li+ chains and
Mn3+/Mn4+-alternating chains, and C of Mn4+ chains.
The Mn ions are stable in high-spin states with calcu-
lated magnetic moments of 3.78 µB (Mn
3+) and 3.04 µB
(Mn4+). The MnO6 unit has either six Mn
4+−O bonds
with similar bond lengths (1.85−1.93 A˚) or four short
Mn3+−O bonds (1.92−1.98 A˚) and two long Mn3+−O
bonds (2.20 A˚). The local distortions as seen in Fig. 1
are thus due to Jahn-Teller effects associated with the
Mn3+ ions.
Among several different Mn3+/Mn4+ arrangements we
investigated, the described model is found to have the
lowest energy. It is lower in energy than the second-
lowest energy Mn3+/Mn4+ arrangement by 0.06 eV per
formula unit (f.u.), and the LiMn2O4 supercell where ev-
ery Mn ion has an oxidation state of +3.5 by 0.73 eV
per f.u. Our results are thus consistent with experimen-
tal reports showing a transformation into a tetragonal or
orthorhombic phase at low temperatures associated with
charge ordering.3–9 We use this structural model for fur-
ther studies of the bulk properties and for defect calcu-
lations (see below). Since the above mentioned global
and local distortions are relatively small, the atomic po-
sitions in this model will be nominally referred to using
the Wyckoff positions of the cubic structure.
Figure 2 shows the total electronic density of states of
LiMn2O4. An analysis of the wavefunctions shows that
the valence-band maximum (VBM) predominantly con-
sists of the 3d states from the Mn3+ sites, whereas the
conduction-band minimum (CBM) are predominantly
the 3d states from the Mn4+ sites. The Li 2s state is high
up in the conduction band, indicating that Li donates its
electron to the lattice and becomes Li+. LiMn2O4 thus
can be regarded nominally as an ordered arrangement
FIG. 2. Electronic density of states of LiMn2O4 in anti-
ferromagnetic (blue curves) and ferromagnetic (red curves)
spin configurations. The zero of energy is set to the highest
occupied state.
of Li+, Mn3+, Mn4+, and O2− units. The calculated
band gaps are 2.12 and 2.42 eV for the ferromagnetic
(FM) and antiferromagnetic (AFM) configurations, re-
spectively. In addition to the spin configurations, we find
that the calculated band gap of LiMn2O4 also depends on
the Mn3+/Mn4+ arrangement. For example, our calcu-
lations using a smaller, 14-atom cell of LiMn2O4, which
also relaxes to a tetragonal structure but with a different
Mn3+/Mn4+ arrangement, give band gaps of 1.77 and
1.92 eV for the FM and AFM configurations.
Experimentally, Raja et al.53 reported an optical band
gap of 1.43 eV from ultraviolet-visible spectroscopy for
nanocrystalline LiMn2O4 powders with a nominal com-
position of Li0.88Mn2O4. Kushida and Kuriyama,
54 on
the other hand, observed two optical absorption peaks
associated with d−d transitions at about 1.63 and 2.00
eV in LiMn2O4 thin films on silica glass. The discrep-
ancies in the experimental values suggest that the band
gap value is sensitive to the quality of the LiMn2O4 sam-
ples, which in turn depends on the synthesis conditions.
This obviously complicates the comparison between the
calculated and measured bulk properties.
B. Chemical-potential diagram
Figure 3 shows the atomic chemical-potential dia-
gram for LiMn2O4, constructed by exploring all possi-
ble Li−Mn−O phases available in the Materials Project
database.55 The stability region of LiMn2O4 in the
(µLi, µMn) plane is defined by Mn2O3, Li2MnO3, and
Li5Mn7O16. The calculated formation enthalpies at 0
K of tetragonal LiMn2O4, orthorhombic Mn2O3, mon-
oclinic Li2MnO3, and orthorhombic Li5Mn7O16 are, re-
4FIG. 3. Chemical-potential diagram at 0 K for LiMn2O4.
Only the O2 gas phase and the Li−Mn−O phases that de-
fine the stability region, here shown as a shaded triangle, are
included.
spectively, −13.89 eV,−10.09 eV,−12.30 eV, and−54.39
eV/f.u. For comparison, the experimental formation en-
thalpy of LiMn2O4 at 298 K is −14.31 eV/f.u.
56 Points
A, B, and C represent three-phase equilibria associated
with LiMn2O4. Point A, for example, is an equilibrium
between LiMn2O4, Mn2O3, and Li5Mn7O16. The pres-
ence of these equilibria is consistent with the fact that
LiMn2O4 samples often contain Mn2O3 and/or Li2MnO3
as impurity phases.17,57,58 Strobel et al.12 also reported
that annealing LiMn2O4 under oxygen pressures in the
range 0.2−5 atm at 450◦C resulted in Mn atoms being
expelled in form of Mn2O3. Li5Mn7O16, which can be
rewritten as Li1+αMn2−αO4 (α = 0.25), is also closely
related to LiMn2O4. In fact, in the Li−Mn−O phase
diagram, it is located on the tie-line between LiMn2O4
(α = 0) where the average Mn oxidation state is +3.5
and Li4Mn5O12 (α = 0.33) where all Mn ions have the
oxidation state of +4.
C. Defect structure and energetics
Figure 4 shows the calculated formation energies of
low-energy defects in LiMn2O4, obtained at point B in
the chemical-potential diagram. These defects include
hole (η+) and electron (η−) polarons, lithium vacancies
(VLi), interstitials (Lii), and antisites (LiMn), and man-
ganese vacancies (VMn) and antisites (MnLi). The forma-
tion energies are plotted as a function of the Fermi level
µe, with µe varies from the VBM to CBM. As mentioned
earlier, the actual position of the Fermi level of the sys-
tem is determined by the charge neutrality condition. In
the absence of electrically active impurities that can shift
the Fermi-level position or when such impurities occur in
FIG. 4. Calculated formation energies of intrinsic point de-
fects in LiMn2O4, plotted as a function of the Fermi level. The
energies are obtained at point B in Fig. 3. In the absence of
extrinsic charged impurities, the Fermi level is at µe = µ
int
e ,
where charge neutrality is maintained.
much lower concentrations than charged intrinsic defects,
the Fermi level is at µinte , determined only by the intrin-
sic defects.33,34 With the chosen set of the atomic chem-
ical potentials, µinte is at 0.98 eV, exclusively defined by
small hole polarons (η+) and negatively charged lithium
antisites (Li−Mn). We find that intrinsic point defects in
LiMn2O4 have very low formation energies and hence can
occur with high concentrations. Polarons and charged
lithium and manganese antisites have positive calculated
formation energies only near midgap. Positively charged
lithium interstitials (Li+i ) also have a negative formation
energy near the VBM. Before discussing the implications
of these results, let us describe the defects in more detail.
Small polarons. A hole (or electron) polaron is a
quasiparticle formed by the hole (electron) and its self-
induced local lattice distortion. The creation of η+ in-
volves removing an electron from the VBM which is pre-
dominantly Mn3+ 3d states. This results in a Mn4+ ion
at one of the Mn3+ sites, i.e., a localized hole. The lo-
cal lattice geometry near the newly formed Mn4+ ion is
slightly distorted with the six neighboring O atoms mov-
ing toward the Mn4+. The average Mn−O bond length
at the Mn4+ site is 1.92 A˚ and the Jahn-Teller distortion
vanishes at this site. The formation of η−, on the other
hand, corresponds to adding an electron to the CBM,
which is predominantly Mn4+ 3d states, resulting in a
Mn3+ ion at one of the Mn4+ sites, i.e., a localized elec-
tron. The local geometry near the newly formed Mn3+
ion is also distorted, but with the neighboring O atoms
slightly moving away from Mn3+. At this Mn3+ site,
there are four short and two long Mn−O bonds with the
average bond lengths of 1.93 and 2.17 A˚, respectively.
Since the distortion is limited mainly to the neighbor-
ing O atoms of the resulted Mn3+ or Mn4+ ion, these
5polarons can be regarded as small polarons.59
We find that the calculated formation energy of the po-
larons is as low as 0.32 eV (η+) or 0.47 eV (η−), in which
η+ is always energetically more favorable. It should be
noted that these are additionally formed polarons, i.e.,
they are considered as “defects” as compared to the per-
fect bulk material. The self-trapping energies of η+ and
η− are 0.82 and 1.02 eV, respectively, defined as the dif-
ference between the formation energy of the free hole or
electron and that of the hole or electron polaron.34 With
these high self-trapping energies, the polarons are very
stable in LiMn2O4. This is not surprising, given the con-
sideration that half of the Mn sites in the host compound
can be regarded as being stable as hole polarons (Mn4+)
in a hypothetical all-Mn3+ LiMn2O4 and the other half
can be regarded as electron polarons (Mn3+) in a hypo-
thetical all-Mn4+ LiMn2O4.
Vacancies and interstitials. The formation of V −Li
involves removing a Li+ ion, which causes negligible dis-
turbance in the lattice. V 0Li is, on the other hand, created
by removing a Li atom, which is in fact a Li+ ion and
an electron from a neighboring Mn atom. This results
in a void at the site of the removed Li+ and a Mn4+ at
a neighboring Mn site (originally a Mn3+ ion). V 0Li is
thus not the neutral charge state of a lithium vacancy
but a complex of V −Li and η
+. This defect complex has
a binding energy of 0.60 eV with respect to V −Li and η
+.
Defects such as V −Li , as well as η
+ and η−, are regarded as
elementary defects; the structure and energetics of other
defects, e.g., V 0Li, can be interpreted in terms of these
basic building blocks. We find that the formation en-
ergy of V 0Li is always lower than that of V
−
Li . For lithium
interstitials, Li+i is created by adding a Li
+ ion. The de-
fect is energetically most favorable when combining with
another Li+ ion from an 8a site to form a Li−Li dumb-
bell centered at the 8a site. This is in contrast to what
has been commonly assumed that lithium interstitials are
most stable at the 16c sites. The energy in the dumbbell
configuration is lower than that at the 16c site by at least
0.15 eV. Finally, Li0i , created by adding a Li atom, is a
complex of Li+i and η
− with a binding energy of 0.52 eV.
Among the manganese vacancies, V 3−Mn , i.e., the re-
moval of a Mn3+ ion, is the elementary defect. Other
defects such as V 2−Mn , V
−
Mn, or V
0
Mn are complexes of V
3−
Mn
and, respectively, one, two, or three η+. V 0Mn is found to
be the lowest-energy manganese vacancy configuration,
suggesting that it is more favorable to form a manganese
vacancy when it is surrounded by Mn4+ ions. The re-
moval of manganese from the Mn3+ site costs less energy
than from the Mn4+ site; the formation energy differ-
ence is about 0.20 eV or higher. Regarding the oxygen
vacancies, the removal of an O2− ion does not lead to a
void formed by the removed ion, often denoted as V 2+O ,
but a complex of V 2+O and a hole-electron polaron pair
(η+−η−), hereafter denoted as V 2+O∗ . Clearly, V
2+
O is not
stable as a single point defect, and its formation is as-
sociated with some Mn3+/Mn4+ disorder. Other oxygen
FIG. 5. Structure of Li0Mn, the intrinsic ionic defect with the
lowest formation energy in LiMn2O4. This neutral defect is
a complex of one negatively charged antisite Li2−
Mn
(large dark
gray sphere) and two small hole polarons η+ (medium light
yellow spheres).
vacancies such as V +O or V
0
O are complexes of V
2+
O and
one or two η−. We find that the oxygen vacancies have
much higher formation energies than other intrinsic de-
fects; their lowest value is 1.49 eV for V 0O at point C in the
chemical-potential diagram. We also investigated man-
ganese and oxygen interstitials and found that they all
have very high formation energies (about 3 eV or higher),
suggesting that these interstitials are not likely to form
in the material.
Antisite defects. Lithium antisites LiMn are created
by replacing Mn at a Mn site with Li. Li2−Mn, i.e., Li
+
substituting Mn3+, is an elementary defect. Other an-
tisites such as Li−Mn or Li
0
Mn are complexes of Li
2−
Mn and,
respectively, one or two η+. Among all possible ionic de-
fects in LiMn2O4, Li
0
Mn has the lowest formation energy,
as low as 0.11 eV. Figure 5 shows the structure of Li0Mn
where Li2−Mn is clearly seen surrounded by six Mn
4+ ions
(i.e., η+) and six Li+ ions. It should be noted that the
two η+ in the Li0Mn complex are created together with
the Li2−Mn, in addition to those Mn
4+ ions already present
in bulk LiMn2O4. We find that the energy cost for ion
substitution at the Mn3+ site is lower than at the Mn4+
site; the energy difference is 0.26 eV or higher. Man-
ganese antisites MnLi are created in a similar way by
replacing Li at a Li (tetrahedral) site with Mn. Mn+Li
is an elementary defect, in which the Mn ion is stable
as high-spin Mn2+ with a calculated magnetic moment
of 4.45 µB. Other manganese antisites such as Mn
0
Li or
Mn2+Li are complexes of Mn
+
Li and η
− or η+. For com-
parison, in layered LiMO2 (M = Ni, Co) the transition
metal is also found to be stable as high-spin M2+ at the
Li (octahedral) site.34
Defect complexes. In addition to the above de-
fects, we explicitly investigated hole-electron polaron
pairs (η+−η−), antisite defect pairs (MnLi−LiMn), and
6FIG. 6. Migration barriers of the small hole (η+) and electron
(η−) polarons and lithium vacancies (V −
Li
) and interstitials
(Li+i ) in long-range charge-ordered LiMn2O4.
lithium Frenkel pair (Li+i −V
−
Li ). The hole-electron po-
laron pair is formed by switching the positions of a Mn3+
and its neighboring Mn4+ ion. After structural relax-
ations, the pair distance is 2.93 A˚. This defect pair has
a formation energy of 0.37 eV and a binding of 0.54 eV.
The antisite pair is created by switching the positions of
a Li atom and its neighboring Mn atom. This ultimately
results in a Mn+Li−Li
2−
Mn−η
+ complex, in which the dis-
tance from the manganese antisite to the lithium antisite
is 2.92 A˚ and that from the lithium antisite to the hole
polaron is 3.47 A˚. This complex has a formation energy
of 0.63 eV and a binding of 1.76 eV. Finally, the lithium
Frenkel pair is created by moving a Li+ ion away from an
8a site to form a Li−Li dumbbell with another Li+ ion.
This results in a V −Li at the 8a site and a Li
+
i . After relax-
ations, the distance between the vacancy and the center
of the dumbbell is about 4.0 A˚ (The pair is unstable to-
ward recombination at shorter distances). This pair has
a formation energy of 1.85 eV and a binding energy of
0.30 eV. It should be noted that the formation energies
of these three defect complexes are independent of the
chemical potentials.
D. Defect migration
Figure 6 shows the migration barriers (Em) for the hole
and electron polarons and lithium vacancies and intersti-
tials in LiMn2O4. All the migration barrier calculations
were carried out with the Γ point only. The migration
of a polaron between two positions q1 and q2 can be
described by the transfer of the lattice distortion over a
one-dimensional Born-Oppenheimer surface.60 We esti-
mate the energy barrier by computing the energies of a
set of cell configurations linearly interpolated between q1
and q2 and identify the energy maximum. The migration
barrier of η+ and η− is found to be 0.46 eV. For com-
parison, Ouyang et al.27 reported a migration barrier of
0.35 eV for polarons in LiMn2O4, obtained in GGA+U
calculations with U = 4.5 eV.
For lithium vacancies V −Li , we find two distinct migra-
tion paths with barriers of 0.19 eV (path V1) and 0.47
eV (path V2), calculated using the NEB method.
47 Both
paths involve moving a Li+ ion from an 8a site to the
vacancy (an empty 8a site) through an interstitial 16c
site. Here, moving a Li+ ion in one direction is equiv-
alent to V −Li migrating in the opposite direction. The
migration bottleneck is a Mn ring at the 16c site, con-
sisting of six Mn ions in the plane perpendicular to the
migration path. In path V1, the Mn ring has four Mn
4+
ions and two Mn3+ ions, whereas in path V2 it has two
Mn4+ ions and four Mn3+ ions. We have also considered
situations in which Li+ ions migrate through a Mn ring
that consists of three Mn4+ ions and three Mn3+ ions
and find migration barriers of 0.47−0.57 eV. An exam-
ple of such situations is when the η+ component of the
V 0Li complex is kept fixed while the V
−
Li component of the
complex is migrating.
Lithium interstitials Li+i migrate through an intersti-
tialcy mechanism involving concerted motion of three
lithium ions: two ions of the Li−Li dumbbell and one
ion that is next to the dumbbell. We find barriers of 0.12
eV for the migration path (hereafter called path I1) that
goes through Mn rings all consisting of four Mn4+ ions
and two Mn3+ ions, and 0.49 eV for the path (path I2)
that goes through at least one Mn ring that consists of
two Mn4+ ions and four Mn3+ ions.
For comparison, Xu and Meng29 obtained from
GGA+U calculations with U = 4.84 eV lithium migra-
tion barriers of ∼0.2−0.4 eV associated with Mn4+-rich
rings, ∼0.6 eV with Mn3+-rich rings, and ∼0.8 eV with
Mn rings that have equal numbers of Mn4+ and Mn3+
ions. The migrating species in their calculations could be
V 0Li, instead of V
−
Li like in our calculations. However, it
is not clear from their work how the two components of
the V 0Li complex migrate relative to each other. We note
that, in our calculations, a lower bound on the migration
barrier of a defect complex, e.g., V 0Li or Li
0
i , can be esti-
mated by taking the higher of the migration barriers of
its constituents.61
We find that the tetragonal distortion has minor ef-
fects on the migration barriers. For example, our calcu-
lations using cubic supercells that have the same volume
and Mn3+/Mn4+ arrangement as the tetragonal super-
cells give V −Li barriers of 0.20 eV and 0.45 eV for paths
V1 and V2, respectively, which are almost identical to
the values reported earlier. However, in the presence of
Mn3+/Mn4+ disorder and other lattice defects, e.g., in
lithium over-stoichiometric Li[Mn2−αLiα]O4, the lithium
ions are not likely to encounter Mn rings that are all
Mn4+-rich for the whole diffusion length, and the over-
all migration barrier will therefore be determined by the
higher-barrier segment. As a result, the hole and electron
polarons and lithium vacancies and interstitials, except
the lithium at the octahedral 16d site, all have an esti-
7mated migration barrier of about 0.5 eV.
Finally, we investigated the migration of the Li+
ion that is associated with the lithium antisite Li0Mn,
cf. Fig. 5. The energy barrier for Li+ migration from the
octahedral 16d site to one of the six neighboring Li tetra-
hedral 8a sites through a vacancy mechanism is found to
be 0.6−2.0 eV. With this higher migration barrier, the
ion is trapped at the 16d site and expected not be dein-
tercalated during charging.
IV. DISCUSSION
We list in Table I the calculated formation energies
of relevant point defects in LiMn2O4 for three different
sets of the atomic chemical potentials, corresponding to
different sets of the experimental conditions. The chem-
ical potential of oxygen, µO, is −0.15 eV, −0.42 eV, and
−0.69 eV, respectively, at points A, B, and C in the
chemical-potential diagram, cf. Fig. 3. µO can be con-
trolled by controlling temperature and pressure and/or
oxygen reducing agents. Lower µO values are usually as-
sociated with higher temperatures and/or lower oxygen
partial pressures and/or the presence of oxygen reduc-
ing agents. For each set of the atomic chemical poten-
tials, the formation energy values are obtained at the
respective Fermi-level position µinte . We find that µ
int
e
is at 0.98−1.11 eV, which is always away from both the
VBM and CBM. Most of the defects have a calculated
formation energy of 1.0 eV or lower, at least under cer-
tain conditions. They can therefore occur in the material
with high concentrations, e.g., during synthesis. These
defects, except the mobile ones such as the polarons and
lithium vacancies, are expected to get trapped when the
material is cooled to room temperature. We also find
that the formation energy of the polaron pair η+−η− is
low, only 0.37 eV, indicating that LiMn2O4 is prone to
Mn3+/Mn4+ disorder. MnLi−LiMn also has a low forma-
tion energy, which suggests the presence of cation mixing
(see further discussions in Sections 4.3 and 4.4).
A. Electronic and ionic conduction
Strictly speaking, each ionic defect in LiMn2O4 has
only one stable charge state, which is also called the
elementary defect; oxygen vacancies do not even have
any configuration that is stable as a single point de-
fect, as mentioned earlier. Removing (adding) electrons
from (to) these elementary defects always results in defect
complexes consisting of the elementary defects and small
hole (electron) polarons. Besides, several positively and
negatively charged defects have positive formation ener-
gies only near midgap, cf. Fig. 4, making them perfect
charge-compensators. Any attempt to deliberately shift
the Fermi level of the system from µinte to the VBM or
CBM will result in the charged defects having negative
formation energies, i.e., the intrinsic defects will form
TABLE I. Formation energies (Ef ) and binding energies (Eb)
of intrinsic defects in LiMn2O4. The formation energies are
obtained at points A, B, and C in the chemical-potential di-
agram
Defect Ef (eV) Constituents Eb (eV)
A B C
η+ 0.32 0.32 0.45
η− 0.59 0.59 0.47
η+−η− 0.37 0.37 0.37 η+ + η− 0.54
V −Li 0.92 1.28 1.33
V 0Li 0.64 1.00 1.18 V
−
Li
+ η+ 0.60
Li+i 1.23 0.87 0.82
Li0i 1.30 0.94 0.76 Li
+
i + η
− 0.52
Li+i −V
−
Li
1.85 1.85 1.85 Li+i + V
−
Li
0.30
Li2−
Mn
1.30 1.30 1.31
Li−
Mn
0.32 0.32 0.46 Li2−
Mn
+ η+ 1.30
Li0Mn 0.11 0.11 0.38 Li
2−
Mn
+ 2η+ 1.82
Mn+
Li
0.77 0.77 0.62
Mn0Li 0.92 0.92 0.65 Mn
+
Li
+ η− 0.44
Mn2+
Li
1.02 1.02 1.00 Mn+
Li
+ η+ 0.07
MnLi−LiMn 0.63 0.63 0.63 Mn
+
Li
+ Li2−
Mn
+ η+ 1.76
V 3−
Mn
3.11 3.47 3.51
V 2−
Mn
1.80 2.16 2.34 V 3−
Mn
+ η+ 1.63
V −
Mn
1.03 1.39 1.71 V 3−
Mn
+ 2η+ 2.72
V 0Mn 0.80 1.16 1.61 V
3−
Mn
+ 3η+ 3.27
V 2+
O∗
2.42 2.15 2.15 V 2+
O
+ η+ + η−
V +
O
2.15 1.88 1.75 V 2+
O
+ η−
V 0O 2.03 1.76 1.49 V
2+
O
+ 2η−
spontaneously and counteract the effects of shifting.33,34
Clearly, intrinsic point defects in LiMn2O4 cannot act
as sources of band-like electrons and holes, and the ma-
terial cannot be made n-type or p-type. The electronic
conduction therefore proceeds via hopping of small hole
and electron polarons. Regarding the ionic conduction,
lithium ions are the current-carrying species, which mi-
grate via vacancy and/or interstitialcy mechanisms.
The activation energies for electronic and ionic con-
duction can be estimated from the formation energies
and migration barriers of the current-carrying defects,
Ea = E
f +Em. As discussed earlier, except for paths V1
and I1 which are unlikely to be realized in Mn
3+/Mn4+-
disordered LiMn2O4, the barriers for the polarons and
lithium ions are basically similar, ∼0.5 eV. Therefore, the
relative contribution of a defect or migration mechanism
to the total conductivity is determined exclusively by the
defect’s concentration. If the defect is predominantly
athermal, as it is the case for hole and electron polarons
in LiMn2O4 and lithium vacancies in Li-deficient or par-
tially delithiated Li1−xMn2O4, the activation energy in-
cludes only the migration part, i.e., Ea = Em.
34 The elec-
tronic activation energy is thus ∼0.5 eV, i.e., the barrier
for polarons. In partially delithiated Li1−xMn2O4, the
ionic activation energy is also ∼0.5 eV, i.e., the barrier
for lithium vacancies. In stoichiometric LiMn2O4, how-
ever, lithium vacancies and/or interstitials have to be
thermally activated; the ionic activation energy includes
8both the migration (∼0.5 eV) and formation (cf. Table I)
parts, which is estimated to be as low as ∼1.1 eV (1.3
eV) for the lithium vacancy (interstitialcy) mechanism.
Clearly, the total conductivity is dominated by the elec-
tronic contribution.
Experimentally, Fang and Chung24 reported activation
energies of 0.43 eV and 0.38 eV for electronic conduc-
tion in LiMn2O4 below and above room temperature,
respectively. Other authors reported values of 0.40−0.44
eV.22,23 Regarding lithium diffusion, Verhoeven et al.62
obtained an activation energy of 0.5±0.1 eV in the tem-
perature range 345−400 K from 7Li NMR experiments
on Li[Mn1.96Li0.04]O4. Takai et al.
63 reported activation
energies of 0.52 eV and 1.11 eV for lithium diffusion in
LiMn2O4 below and above 600
◦C, extracted from tracer
diffusion coefficients measured by neutron radiography.
The lower-temperature values are very close to our es-
timated migration barrier. The value 1.11 eV at high
temperatures could indicate that the system is in the in-
trinsic region where the activation energy includes both
the formation and migration parts.
B. Delithiation and lithiation
The structure of the lithium vacancy V 0Li in a battery
electrode material often provides direct information on
the delithiation mechanism. In LiMn2O4, V
0
Li indicates
that for each Li atom removed from LiMn2O4 electrodes
during delithiation, the material is left with one nega-
tively charged lithium vacancy V −Li and one hole polaron
η+; i.e., the extraction of Li is associated with the oxi-
dation of Mn3+ to Mn4+. The deintercalation voltage64
associated with the extraction of the first lithium, i.e.,
the creation of V 0Li, is 4.29 V. The partially delithiated
composition can be written as Li1−xMn2O4 (Here we ig-
nore the pre-existing intrinsic defects which will be dis-
cussed later). The lithium interstitial Li0i , on the other
hand, provides information on the lithiation mechanism.
For each Li atom inserted into LiMn2O4 electrodes dur-
ing lithiation, the material receives one positively lithium
interstitial Li+i and one electron polaron η
−; i.e., the
Li insertion is associated with the reduction of Mn4+ to
Mn3+. The partially lithiated composition can be writ-
ten as Li1+xMn2O4 (Not to be confused with lithium
over-stoichiometric Li1+αMn2−αO4 where the Li excess
replaces Mn at the 16d sites). Since there are no band-
like carriers, η+ and η− are the electronic charge carriers
in the delithiation and lithiation processes. Also, it is im-
portant to note that polarons and lithium vacancies (in-
terstitials) created from delithiation (lithiation) are not
thermal defects.
C. Lithium over-stoichiometry
Among all possible ionic defects in LiMn2O4, the
lithium antisite Li0Mn is dominant. The defect has a for-
mation energy of 0.11−0.38 eV, depending the specific
set of the atomic chemical potentials. For comparison,
the calculated formation energy of the lithium antisite in
layered LiCoO2 and LiNiO2 is in the range of 0.92−2.73
eV (Li0Co) or 0.68−1.11 eV (Li
0
Ni).
34 The low energy of
Li0Mn can partially be ascribed to the small difference
in the ionic radii of Li+ (0.76 A˚) and high-spin Mn3+
(0.65 A˚); for reference, the Shannon ionic radii of six-
fold coordinated, low-spin Co3+ and Ni3+ are 0.55 A˚ and
0.56 A˚, respectively.65 Given Li0Mn with that low forma-
tion energy, the synthesis of LiMn2O4 under equilibrium
or near-equilibrium conditions is expected to result in a
lithium over-stoichiometric compound with the composi-
tion Li1+αMn2−αO4 or, more explicitly, Li[Mn2−αLiα]O4
or Li+[Mn3+1−3αMn
4+
1+2αLi
+
α ]O
2−
4 . In this composition,
each negatively charged lithium antisite Li2−Mn is charge-
compensated by two hole polarons η+, and the average
Mn oxidation state is higher than +3.5; i.e., Mn4+ is
slightly more favorable than Mn3+. Since the Li+ ion
at the octahedral 16d site gets trapped due to its lower
mobility, it is unlikely to be deintercalated during charg-
ing. Besides, Li[Mn2−αLiα]O4 has only (1 − 3α) Mn
3+
ions for the oxidation reactions. As a result, there will
be residual lithium in the fully delithiated compound,
both at the 16d and 8a sites, i.e., Li+3α[Mn
4+
2−αLi
+
α ]O
2−
4 .
The theoretical capacity will therefore decrease from 148
mAh/g to 148(1− 3α) mAh/g.
Our results for Li0Mn thus explain why LiMn2O4 sam-
ples are often lithium over-stoichiometric. Martinez et
al.13 found about 90% of the lithium ions at the tetra-
hedral 8a sites and 10% at the octahedral 16d sites,
confirming that the Li excess replaces Mn at the 16d
sites. Xia and Yoshio21 seemed to indicate that stoi-
chiometric LiMn2O4 electrodes are unstable toward the
lithium over-stoichiometric ones. We note that, as a
consequence of the lithium over-stoichiometry and the
likely random distribution of Li0Mn, the transformation
from the Mn3+/Mn4+-disordered, cubic phase to a long-
range ordered, tetragonal/orthorhombic phase may not
be realized in practice, even at low temperatures. In
fact, there have been reports of the absence of the long-
range charge order associated with the Jahn-Teller ef-
fect in lithium over-stoichiometric Li1+αMn2−αO4.
15,19
Kamazawa et al.,19 for example, observed only short-
range charged-order in Li1.1Mn1.9O4. Regarding the elec-
trochemical performance, Li1+αMn2−αO4 samples have
been reported to show a significantly enhanced cycling
stability compared to stoichiometric LiMn2O4, although
at the expense of capacity.20,21 The enhancement has
been attributed mainly to the suppression of the Jahn-
Teller effect on deep discharge. However, the presence
of the residual lithium in the delithiated compound, i.e.,
Li+3α[Mn
4+
2−αLi
+
α ]O
2−
4 , can also help improve the cycling
stability, unlike in LiMn2O4 where the complete extrac-
tion of lithium results in unstable λ-MnO2 electrodes.
20
9D. Other possible defects
The manganese antisite Mn+Li can occur in LiMn2O4,
given its formation energy of only 0.62−0.77 eV. For
comparison, the formation energy of Co+Li in LiCoO2 is
0.55−2.08 eV and that of Ni+Li in LiNiO2 is 0.53−0.96
eV.34 Mn+Li can be created together with Li
2−
Mn and η
+,
i.e., in form of MnLi−LiMn with a formation energy of
0.63 eV, or with η−, i.e., in form of Mn0Li with a formation
energy of 0.65−0.92 eV, cf. Table I. Manganese antisites
have also been observed in experiments. Bjo¨rk et al.11
reported that 9% of the lithium ions at the tetrahedral 8a
sites were substituted by Mn2+ ions in high-temperature
synthesis. This is consistent with our results showing
that Mn+Li has the lowest formation energy at point C
which corresponds to a low µO value. If created in form
of Mn0Li, the co-generation of η
− will result in an in-
crease in the amount of the Jahn-Teller distorted Mn3+
ions. Besides, we speculate that manganese antisites may
also act as nucleation sites for the formation of impurity
phases during electrochemical cycling.
Next, with a formation energy of 0.76−1.23 eV, lithium
interstitials can also occur in the material, e.g., when syn-
thesized under conditions near point C in the chemical-
potential diagram, cf. Fig. 3. Li+i can be created to-
gether with η−, i.e., in form of Li0i which results in the
composition Li1+αMn2O4 (assuming no other defects).
In this composition, the average Mn oxidation state is
<3.5. This defect is unlikely to form through the lithium
Frenkel pair mechanism, i.e., in combination with V −Li ,
because the Li+i −V
−
Li pair is either unstable or high in
energy. Experimentally, Berg et al.17 reported that, in
their Li1+αMn2−αO4 (α = 0.14) samples, lithium ions
occupy both the 8a sites with 100% occupancy and the
16c sites with 7.0% occupancy, and manganese ions oc-
cupy the 16d sites with 93.0% occupancy. In light of our
results for the lithium interstitials, it would be interesting
to re-examine the samples and see if some of the lithium
is really stable at the 16c sites. The results of Berg et
al. may also suggest the presence of Lii and VMn in form
of a neutral Lii−VMn complex. However, we find that this
complex has a high formation energy (1.93−2.20 eV), in-
dicating that it is not likely to occur under equilibrium
or near-equilibrium synthesis conditions.
Manganese vacancies can form when synthesized at
lower temperatures, e.g., at point A in Fig. 3 where the
formation energy of V 0Mn is just 0.80 eV, cf. Table I. Gum-
mow et al.20 reported the presence of vacancies on both
the 8a and 16d sites in Li1−αMn2−2αO4 (0 < α ≤0.11)
synthesized at temperatures between 400 and 600◦C, al-
though they also acknowledged that samples with a pre-
cise, predetermined composition were difficult to prepare.
The cycling stability of this compound was found to be
inferior to that of Li1+αMn2−αO4.
20 Finally, with a much
higher formation energy (1.49−2.03 eV), oxygen vacan-
cies are expected not to occur inside the material. This
is consistent with experiments where no oxygen vacan-
cies have been found.11,14 We note that oxygen vacancies
may still occur at the surface or interface where the lat-
tice environment is less constrained than in the bulk. The
formation of manganese vacancies, as well as lithium in-
terstitials and manganese antisites, is also expected to be
energetically more favorable at the surface or interface.
Apparently, manganese antisites and vacancies and
lithium interstitials can lead to inferior cycling stability
and hence should be avoided. One can tune the synthesis
conditions to reduce these defects in LiMn2O4 samples.
From our results summarized in Table I, the best com-
promise could be to synthesize the material under the
conditions near point B in the chemical-potential dia-
gram where there is a three-phase equilibrium between
LiMn2O4, Li2MnO3 and Li5Mn7O16, cf. Fig. 3. The for-
mation energy of the manganese antisites under these
conditions is, however, still quite low (0.77 eV). Further
reduction of the defects may thus require partially ion
substitution that can significantly change the chemical
environment and hence the defect landscape.
V. CONCLUSIONS
We have carried out a DFT study of the bulk proper-
ties and defect thermodynamics and transport in spinel-
type LiMn2O4, using the HSE06 screened hybrid density
functional. We find that the tetragonal distortion of cu-
bic LiMn2O4 during structural optimizations at 0 K is
associated with charge ordering. The compound is found
to be thermodynamically stable and its stability region in
the Li−Mn−O phase diagram is defined by the Mn2O3,
Li2MnO3, and Li5Mn7O16 phases.
Intrinsic electronic and ionic defects in LiMn2O4 can
form with high concentrations. Several charged defects
have positive formation energies only in a region near
midgap, making them perfect charge-compensators. The
defects cannot act as sources of band-like carriers and the
material cannot be doped n- or p-type. The electronic
conduction proceeds via hopping of the small hole and
electrons polarons and the ionic conduction occurs via
lithium vacancy and/or interstitialcy migration mecha-
nisms. The total bulk conductivity is found to be pre-
dominantly from the electronic contribution. An analy-
sis of the structure of lithium vacancies and interstitials
shows that lithium extraction (insertion) is associated
with the oxidation (reduction) reaction at the Mn site.
Among the intrinsic ionic defects, lithium antisites are
the dominant defect with a very low calculated forma-
tion energy. This low energy is ascribed to the small
ionic radius difference between Li+ and high-spin Mn3+.
The formation energy of the hole-electron polaron pair is
also very low. Our results thus indicate that LiMn2O4
is prone to lithium over-stoichiometry and Mn3+/Mn4+
disorder. In the lithium over-stoichiometric compound,
there is residual lithium that is not deintercalated dur-
ing charging and can help improve the cycling stability.
Other defects such as manganese antisites and vacancies
and lithium interstitials can also occur, under certain
10
experimental conditions, but with lower concentrations
than the lithium antisites. An elimination of the man-
ganese antisites may require significant changes to the
chemical environment, e.g., through ion substitution.
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